Strengths of nanograined (ng) and nanotwinned (nt) metals increase with decreasing grain size and twin thickness, respectively, until reaching a critical value, below which strength decreases. This behavior is known as the reverse Hall-Petch effect (RHPE), which has also been observed in nanograined cubic boron nitride (cBN) and diamond. Surprisingly, however, hardness of nt-cBN and nt-diamond increases continuously with decreasing twin thickness down to several nanometers, suggesting the absence of RHPE in these covalent materials. The mechanism responsible for such a behavior remains controversial. Here we investigate the strengthening mechanisms in ng-and nt-diamond using molecular dynamics and first-principles calculations. For ng-diamond, the competition between shuffle-set dislocation (SSD) and grain boundary atom motions gives rise to RHPE. For nt-diamond, SSDs remain dominant but their slips along twin boundaries energetically show no advantage over those along other slip planes. Twin domains are locked and mechanically stable, resisting SSD propagation and inhibiting RHPE. These findings provide new insights into the hardening mechanism of nanotwinned covalent materials.
INTRODUCTION
Nanostructuring can introduce immense amounts of interfaces such as grain boundaries (GBs) and twin boundaries (TBs) into a material, reducing dislocation pile-ups near the boundaries, thereby hindering dislocation transmission and increasing resistance to deformation. 1 This dislocation-blocking effect becomes more significant with decreasing grain size (d) and twin thickness (λ), leading to strengthening of materials known as the Hall-Petch effect. 2, 3 For metals, however, the dislocation-blocking effect diminishes when d or λ reaches a critical value, 4, 5 below which GB sliding (GBS) or detwinning becomes dominant. Further reducing d (λ) would induce more GBS (detwinning), resulting in softening of nanocrystalline metals, 6-12 a mechanism known as the reverse Hall-Petch effect (RHPE). 1 RHPE also occurs similarly in nanograined (ng) covalent materials such as cubic boron nitride (cBN) and diamond, 13, 14 where hardness is used as the indicator for strength. In nanotwinned (nt) diamond and cBN, however, hardness continuously increases with decreasing twin thickness to below 5 nm, 15, 16 contrasting strikingly to that of nt-metals. The mechanism responsible for the continuous hardening in nt-diamond and nt-cBN is currently a hotly debated subject. 17, 18 In this study, we examine various deformation modes under uniaxial compressive stress in ng-and nt-diamond using molecular dynamics (MD) simulations and first-principles calculations, with the aim to clarify the corresponding plastic deformation mechanisms. Our results indicate that, in nt-diamond, shuffle-set dislocations (SSDs) dominate the plastic deformation but their slips along TBs do not have advantage energetically over those along other slip planes. TBs are mechanically stable and resist SSDs propagation across twin domains, leading to continuous operation of the Hall-Petch effect at the nanoscale level. This is in stark contrast to nt-metals, where detwinning becomes increasingly active as λ is reduced to below ca. 15 nm, due to collective slips of partial dislocations parallel to TBs. 6, 9, 10 
RESULTS

MD Simulations and First-Principles Calculations
We performed MD simulations on a variety of three-dimensional (3D) ng-diamond and nt-diamond samples with average grain sizes ranging from 2 to 25 nm (see Methods summary). Supplementary Figure 1 shows representative ng-diamond and nt-diamond samples under investigation. The samples were compressed with a constant strain rate of 5 10 8 s À1 (i.e., a displacement-controlled compression process) with Tersoff potential 19 and the corresponding uniaxial compressive stress-strain curves were calculated, as shown in Supplementary Figs. 2 and 3 . The stress-strain curves can clearly be divided into elastic and plastic deformation regimes. In the elastic deformation regime, the stress increases almost linearly with increasing strain to a peak value. After that, the plastic deformation occurs and the stress decreases rapidly to a stabilized value. It is noteworthy that there is no obvious work hardening observed, indicating the dislocation density is relatively low during plastic deformation. Setting the peak stress of the stress-strain curve as the corresponding compressive strength, we can plot the compressive strength of ng-diamond and nt-diamond as functions of d and λ, respectively, as shown in Fig. 1 . For ng-diamond ( Fig. 1a ), compressive strength increases with decreasing d, reaching a maximum of 153 GPa at d % 8 nm, below which strength decreases with further decreasing d. For nt-diamond ( Fig. 1b ), compressive strength shows strong dependence on both d and λ, and is consistently greater than that of ng-diamond with the same d. For a given d, strength of nt-diamond increases continuously with decreasing λ down to the minimum value of 0.618 nm (¼3d 111 , i.e., one unit-cell length along <111> direction). As suggested by the Tabor relation, 20 the indentation hardness is proportional to tensile yield strength for metals. Same as in metals, the plastic deformation in diamond is also dislocation controlled. The uniaxial compressive strength therefore can be used as the indicator of hardness for diamond. This continuous strengthening revealed for nt-diamond is in sharp contrast to what occurs in ng-diamond as well as ng-and ntmetals, but consistent with the experimental observations of hardening in nt-diamond. 16 To further corroborate this result, displacement-controlled compression process with Albe analytical potential 21 and force-controlled compression process 22,23 with Tersoff potential have been performed. As shown in Supplementary Figs. 4−10, similar variation trends of compressive strength as functions of d and λ are revealed for ng-diamond and nt-diamond, respectively, thus verifying the reliability of our result.
DISCUSSION
To clarify the different behaviors in ng-and nt-diamond, we investigated deformation modes in five representative samples, i.e., two ng-diamonds with average grain sizes of 3.11 nm and 16.23 nm, two nt-diamonds with an identical average d of 16.23 nm but different twin thicknesses of 0.618 nm and 5.562 nm, and one nt-diamond with average d of 5.08 nm and λ of 0.618. A displacement-controlled compressive stress with a constant strain rate of 5 10 8 s À1 was applied along one direction (see the arrows in Supplementary Fig. 1 ), leaving the perpendicular directions free. Distinct deformation modes were identified based on relative displacements of atoms with respect to the undeformed sample ( Fig. 2 and Supplementary Figs. 11 and 12) and dislocation activities (Supplementary Videos 1−5).
For ng-diamond with smaller grain size (3.11 nm, Supplementary Fig. 11a -c, and Supplementary Video 1), a few dislocations are distributed along GBs with no free dislocations in grain interiors. With increasing true strain from 0 to 30%, relative displacements of atoms occur increasingly near GBs, consistent with previous simulation study on metals. 7 No dislocations slip across grain interiors during the compressing process. For ng-diamond samples with larger grain size (16.23 nm, Supplementary  Fig. 11d -f, and Supplementary Video 2), relative displacements of atoms increase primarily around GBs with true strains up to 13%. It is noteworthy that the percentage of GB atoms in the larger grained ng-diamond sample (9.9%) is significantly lower than that in the smaller grained one (45.7%). Therefore, the total contribution of GB atoms to plastic deformation is significantly less in the sample with d ¼ 16:23 nm. Further deformation (true strain > 13%) introduces SSDs traversing the grains and SSD slip becomes the dominant deformation mode. The GB atoms mediated deformation and SSDs mediated one compete along with varying grain size. A transition from GB-atom-dominated to SSD-dominated mechanism occurs at d of ca. 8 nm, where the strongest compressive strength is achieved (Fig. 1a ). The turnover of compressive strength (i.e., RHPE) is similar to that observed in ng fcc metals. 7, 24 For nt-diamonds with d = 16.23 nm, both grain interiors and TBs remain dislocation free with true strains up to 17% and 15% for samples with λ of 0.618 and 5.562 nm, respectively (Supplementary Videos 3 and 4). All dislocations are located at GBs and the deformation is dominated by GB-atom-mediated motion, with no contribution from TBs. Above the aforementioned strain levels, deformation is primarily controlled by slips of SSDs that cut across TBs and traverse grain interiors ( Fig. 2 and Supplementary Fig. 12a−c) .
TBs hinder dislocation slips and resist deformation. Smaller λ corresponds to higher density of TBs, where dislocation motions are blocked more effectively. As a result, compressive strength increases monotonically with decreasing λ (Fig. 1b ). For ntdiamond with d = 5.08 nm and λ = 0.618 nm, with increasing true strain from 0 to 30%, relative displacements of atoms occur increasingly near GBs during the compressing process with no dislocations slipping across grain interiors ( Supplementary  Fig. 12d −f and Supplementary Video 5), similar to what occurs in ng-diamond with d = 3.11 nm.
The continuous strengthening/hardening of nt-diamond with decreasing λ is fundamentally different from that of nt metals. In nt-Cu, e.g., plastic deformation at room temperature is dominated by 1 6 <112> partial dislocations slipping parallel to TBs when λ is smaller than a critical value of ca. 15 nm, 10 leading to detwinning and reduced strength. 6 To elucidate the contrasting deformation mechanisms in nt-diamond and nt metals, generalized stacking fault energy (GSFE) curves are evaluated with first-principles calculations for diamond, cBN, Al, Cu, and Ni ( Fig. 3 Table 1 ).
The ratios of intrinsic stacking fault energy (γ isf ) to unstable stacking fault energy (γ usf ) for Al, Cu, and Ni vary in a wide range (Supplementary Table 1 ). For each fcc metal examined here, γ usf , γ utf (unstable twin formation energy) and γ utm (unstable twin migration energy) are clearly distinguishable ( Supplementary Fig. 13 ). It is a common feature for metals that γ utm is generally lower than γ usf , causing an easier deformation through twin migration than through the formation of stacking faults from Shockley partial dislocations. As a result, collective glide of multiple Shockley partial dislocations induces detwinning, 6 which becomes increasingly dominant when twin thickness is less than a critical value λ c , ca. 15 nm for nt-Cu 25 (Supplementary Fig. 16a ). Such a process would further decrease critical resolved shear stress (CRSS) for partial dislocations slipping parallel to TBs with decreasing λ, providing a mechanistic explanation of RHPE observed in nt-Cu 10 : Plastic deformation is dominated by collective glide of multiple Shockley partial dislocations when λ is lower than a critical value of 15 nm, resulting in a turnover of strength or hardness. In contrast to metals, γ usf , γ utf , and γ utm of diamond are virtually identical ( Supplementary Fig. 14) . Diamond consists of two interpenetrating face-centered cubic sublattices that shift relatively by one-fourth the body diagonal of the unit cell, leading to two nonequivalent {111} slip planes: glide-set (within the densely populated compound layers, Fig. 3a ) and shuffle-set (between adjacent compound layers, Fig. 3b ). Moreover, carbon atoms form strong and highly directional covalent bonds, which are fundamentally different from those in fcc metals ( Supplementary Fig. 17 ). Such structural and bonding features profoundly influence active slip modes in diamond. An ideal slip along the glide-set plane involves three C-C bonds per atom (either severing two C-C bonds with the third one compressed along the ½110 direction or severing one C-C bond with the other two compressed along ½112), whereas slip along the shuffle-set plane only involves one C-C bond per atom (Fig. 3a, b) . Therefore, the force needed to start a glide-set slip is roughly triple that for a shuffle-set slip, which is further confirmed in the calculated restoring stresses (Fig. 3d ). It is worth noting that the plastic deformation in diamond is mostly force-activated at low temperature. The thermal activation is highly restrained due to high barrier for dislocation motion, stemming from the strong and highly directional covalent bonds. Even though γ usf along the shuffle-set ½110 and ½112 directions is higher than that along glide-set ½112 direction (Fig. 3c) , the maximal restoring stresses for these cases are similar, with a much smaller slope for the shuffle-set slips (Fig. 3d ). In addition, slips of glide-set Shockley partial dislocations are energetically more costly due to the extra stacking fault energy involved. All these factors make slip of SSDs the favored plastic deformation mode. This agrees well with our MD simulations for ng-or nt-diamond, where deformation is dominated by SSDs cutting across GBs and TBs, with less twinning or detwinning by 1 6 <112> glide-set partial dislocations (density of 1 6 <112> glide-set partial dislocation is only 30% that of SSDs). Notably, the stacking fault energies do not vary significantly with distance away from twin planes ( Supplementary   Fig. 15 ), implying that SSDs are essentially not affected by TBs in nt-diamond.
Knowledge on the CRSS for detwinning and Shockley partial dislocation sliding parallel to TBs allows us to estimate the critical twin thickness, λ c , for both metals and diamond ( Supplementary  Fig. 16 ). Due to the high lattice friction stress of diamond, 26 a very low λ c of ca. 0.35 nm is deduced, which is significantly lower than that of nt-Cu 27 and even lower than the minimum twin thickness of diamond. Therefore, detwinning process cannot be activated in diamond. As a result, RHPE is absent with decreasing λ, leading to continuous strengthening to the minimum twin thickness. The superior stability of TB over GB in diamond are further confirmed by comparing the temperature-dependent compressive strengths of diamond with different grain size or twin thickness. As shown in Supplementary Fig. 18 , the compressive strength for ng-diamond with different grain size reverses at a critical temperature. No such reversal occurs in nt-diamond with different twin thickness for temperature as high as 1900 K, corroborating the aforementioned result. 28 Figure 4 schematically illustrates the strength of nanostructured copper and diamond as functions of grain size or twin thickness. For ng metals and diamond, even though GBs resist dislocation transmission and contribute to strengthening, CRSS along GBs is inevitably lower than that along perfect crystal slip planes. The competition between dislocation glide and GBS gives rise to an optimal grain size d c , with which the material is strongest. 24 Above d c , dislocation glide becomes the primary deformation mode and materials strengthen with further decreasing grain size, and this is the Hall-Petch effect. Below d c , GBS becomes the primary deformation mode and materials soften with further decreasing grain size, 23 and this is RHPE. For nt-diamond and -metals, the Hall-Petch effect is in operation with large λ where the dislocation cut across TBs is the primary deformation mode. However, the parallel in mechanical response ends with further decreasing λ. For nt-metals such as Al, Cu, and Ni, the slips of Shockley partial dislocations parallel to TBs are much easier near TBs than far from TBs, leading to detwinning that become dominant with λ below λ c (which is a critical twin thickness from Hall-Petch effect to RHPE), as indicated by the blue arrows in Fig. 4 . This process contributes to RHPE, which is ubiquitously observed in nt-metals. 5, 9, 10 For ntdiamond, energy requirements for SSDs slipping along TBs and other slip planes far away from TBs are virtually identical, and λ c for activating detwinning process is extremely small (ca. 0.35 nm). This means that the critical twin thickness λ c from Hall-Petch effect to RHPE for nt-diamond is less than a unit-cell length along the <111> direction and it can explain the continuous hardening in nt-diamond and nt-cBN where λ is <5 nm with d in the range of 20−50 nm and 30−150 nm, respectively. 15, 16 Our simulations evidence the Hall-Petch effect is continuously operative in nt-diamond with λ down to the lowest value. This provides an alternative dimension for tailoring properties and performance of materials with "hard" twin planes (usually covalent materials). For these materials, a practical strategy to achieve super-strength and/or superhardness is to introduce more TBs into the microstructure.
METHODS
MD Simulation
To build 3D ng-diamond samples containing randomly orientated grains, a periodic cube was segmented into 3D Voronoi convex polyhedrons, 29 with each convex polyhedron filled with randomly orientated diamond grains. It is noteworthy that atoms at the GBs, which are too close to each other (<0.3 Å), were deleted. The average grain sizes of the ng-diamond model samples ranges from 2 to 25 nm. The constructed models were then relaxed at 300 K and had an ambient pressure with a relaxation time of 200 ps. The GB thickness (GBT) of relaxed 3D ng-diamond samples was calculated with a common neighbor analysis method. 30 GBT decreases with increasing grain size, ranging from 0.81 (grain size~2 nm) to 0.72 nm (grain size~25 nm). This scale is similar to that for nanocrystalline metals. 31 The bond-length distributions of diamond nanograins are shown in Supplementary Fig. 19 . The bond lengths at the GBs are clearly in the range of bonding, indicating stable and equilibrated grain boundaries in our ng-diamond model. The 3D nt-diamond samples with sub-grain nanotwins were then built on the basis of ng-diamond samples (i.e., ntdiamond samples had grain size and orientation identical to those of the corresponding ng-diamond; see Supplementary Fig. 1 ). The largest sample contained about 30 million carbon atoms.
The MD simulations were then performed on these samples using the popular LAMMPS code. 32 Atomic configurations were visualized and analyzed with the OVITO package. 33 Periodic boundary conditions were applied to account for the confinement effects in large bulk materials. Interactions of C-C bonds were described by both Tersoff potential 19 and Albe analytical potential, 21 which properly describes the carbon sp 3 bonding and has been successfully used in many ng-diamond simulations. 34 For the ratios of intrinsic stacking fault energy (γ isf ), unstable twinning fault energy (γ utf ), and unstable twinning migration energy (γ utm ) to unstable stacking fault energy (γ usf ), which are the deciding factors for plastic deformation modes, Tersoff and Albe potentials give results consistent with those from first-principles calculations ( Supplementary  Table 1 ), indicating both potentials can capture the essence the plastic deformation properly. The model samples after structure optimization were compressed with either a displacement-controlled uniaxial compression mode or a force-controlled one. The isothermal-isobaric (NPT) scheme was used in our simulations for both potentials, with a timestep of 0.001 ps and a relaxation time 200 ps at 300 K and ambient pressure. For displacement-controlled uniaxial compression, a constant strain rate of 5 10 8 s À1 were applied on the model samples and the compressive strength was set as the peak stress of the corresponding stress-strain curve. For force-controlled compression, a constant uniaxial compressive stress was applied to the sample in a stepwise manner. At each step, a constant stress was applied with a duration of 300 ps and the sample was allowed to relax in the directions perpendicular to the load. The deformation curve (strain as a function of stress dwelling time) was recorded and the compressive strength was determined as the critical stress under which plastic strain and strain rate increased abruptly.
First-Principles Calculation
The GSFE curves were calculated within the framework of electronic density functional theory, as implemented in the Vienne Ab initio Simulation Package. 35 The exchange and correlation interactions were described in the local density approximation (LDA-CAPZ). 36 Interactions between ions and valence electrons were modeled by the projectoraugmented wave method. 37 The kinetic cutoff energy for plane waves was 600 eV for diamond and cBN, and 500 eV for Al, Cu, and Ni. The k-point separation in Brillouin zone was 5 × 7 × 1 for all orthorhombic lattices. To calculate GSFE curves of on closed-packed (111) surface along the ½112 and ½110 directions, an orthorhombic lattice was used, which included a slab consisting of 12 atomic layers along the [111] direction. Crystallographic axes a, b, and c for the orthorhombic lattice were parallel to the ½110, ½112, and ½111 directions of the diamond, cBN, Al, Cu, and Ni cubic lattice, respectively. To avoid interaction between two adjacent slabs, a vacuum space of 15 Å was added to the top and bottom of the slab along the ½111 direction. The slab was separated into two halves along slip plane and the two halves of slab were displaced relative to each other along slip directions. The GSFE curve can be obtained by plotting the excess energy with the displaced distance.
